Such films hold excellent promise as material for micro-electro-mechanical systems (MEMS) thanks to the outstanding mechanical properties of SiC (second hardest material after diamond, with elastic modulus in the range 300 to 700 GPa, and high wear resistance 3 ). Additionally, epitaxial SiC films on Si enable silicon micromachining techniques, making the whole MEMS fabrication process substantially easier and cheaper as compared to the use of bulk SiC substrates. 4, 5 Although poly-3C-SiC films are easier to grow on silicon, mono-crystalline SiC films are superior to in terms of fracture strength and therefore attract substantially more interest. 6 However, the typically high residual stresses generated upon the hetero-epitaxy (due to the mismatch of lattice and coefficient of thermal expansion between the Si and SiC, about 20% and 25%, respectively 3 ) and the limited understanding of their relaxation mechanism have been so far a major limitation for the application of 3C-SiC films in the MEMS area. 4, 5 Control and reproducibility of residual stress state in MEMS building blocks such as diaphragms and beams are critical as directly related to their performance (operating frequencies and sensing forces) and reliability (fracture strength). 4, 7 The limited understanding of residual stresses for 3C-SiC on Si and the presence of contradictory reports in the literature are due to the hurdles in obtaining a systematic and comprehensive stress analysis of the hetero-epitaxial films. [8] [9] [10] Raman spectroscopy has been the most common mean of stress analysis for 3C-SiC films, 11, 12 however, the stress information from Raman is local, i.e., typically from a few lm 2 film area, and as it relates to an averaged stress for all fundamental directions. 13 A quantitative assessment of biaxial strain with Raman spectroscopy needs specific and accurately calibrated biaxial coefficients.
14 Sensitivity is also limited for very thin SiC films on Si substrates (below 100 nm), as silicon has a strong Raman response weakening the 3C-SiC transversal optical (TO) peak and completely masking the 3C-SiC longitudinal optical (LO) response around 972 cm À1 , 15 as shown in Fig. 1 .
On the other hand, stress analysis through the monitoring of wafer curvature yields information over the biaxial stress state of the whole epitaxial film and works well for very thin SiC films. However, the use of such method has been limited by the typically high non-uniformity of film thickness over large areas. 8 Zielinski et al. 10 have investigated kinetic factors in the relaxation of 3C-SiC films on Si(100) versus growth temperature, but they have not reported on the role of the starting Si surface plane and their work focused on relatively thick films (1-16 lm).
The recent availability of 3C-SiC epitaxial films with exceptional within wafer thickness uniformity (better than 1.5% (Ref. 16)) over areas up to 150 mm wafer diameter on both Si(100) and Si(111) surfaces has enabled a systematic study of residual stress state of films below 1 lm thickness, down to 60 nm, which are of high relevance for MEMS. Further relevance of this work is given by the fact that 3C-SiC on Si(111) is a potentially ideal template for the growth of III-nitrides on silicon, where the management residual stresses are fundamental to avoid extensive layer cracking. 17 A deeper understanding of 3C-SiC strain relief mechanisms on the common Si(100) and Si(111) surfaces offers a key to the control of residual stresses in highly mismatched hetero-epitaxy and to the wider use of 3C-SiC films in MEMS either as a standalone or enabling other mismatched epitaxial processes on silicon.
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3C-SiC films were deposited at 1000 C on on-axis 150 mm Si(100) and Si(111) wafers in a custom made hotwall horizontal low-pressure chemical vapour deposition (LPCVD) system using a process with alternate supply of SiH 4 and carbon source gas similar to the one described by Wang et al. 16 Main differences are the use of C 3 H 6 as carbon source and a carbonization process at 950 C. Some epitaxial runs were performed either with a lower carbonisation temperature (750 C) or a higher growth temperature (1050 C), for comparison. Films were grown with thicknesses between 60 nm and 1.5 lm. Nanoindentation was performed on the 1 lm thick films with a Hysitron Triboindenter to retrieve the elastic modulus (E) of the 3C-SiC films. 19 An InVia Renishaw Raman spectroscopy system with k ¼ 514 nm was used for monitoring Raman shifts of the TO SiC peak of the epitaxial films, using a laser spot size of about 1 lm diameter. The calibration was based on the 520.5 wavenumber Si mode, and measurements were taken on several positions across the 150 mm wafer. The local film stress was estimated using the shift coefficient for the TO peak calibrated by Rohmfeld et al.
14 for 3C-SiC films on Si(100) and the E value of 3C-SiC films as measured with nanoindentation.
A Tencor Flexus 2320 system was used for monitoring wafer curvature prior to and after epitaxial growth. The measurements were done along the diameter of 150 mm wafers with 10 mm edge exclusion. The biaxial stress for SiC films was calculated on the basis of the modified Stoney's equation, 20 using the appropriate elastic moduli (E) and Poisson's ratios () values: 130 GPa and 170 GPa, 0.28 and 0.26 for Si(100) and Si(111), respectively. 21 Transmission electron microscopy (TEM) and low energy electron diffraction (LEED) analyses were performed with a FEI Tecnai F30 system. Additionally, X-ray diffraction (XRD) was performed systematically on the epitaxial films as control measurement for crystalline quality with a Bruker D8 Advance spectrometer (CuKa radiation).
Atomic force microscopy was performed on an NT-MDT NTEGRA spectra. Samples were imaged with dimensions of 5 Â 5 lm 2 in contact topography mode with NT-MDT CSG01 probes.
The Raman analysis yielded the presence of a residual tensile stress for all of the SiC films, indicated by a red shift with respect to the unstressed TO peak position for 3C-SiC at 796 cm À1 . 22 Typical Raman spectra from 1 lm thick films are shown in Fig. 1 . The TO peak positions for SiC films on Si(100) showed a 0.6-1.2 cm À1 red shift. Using the coefficients calculated by Rohmfeld et al.
14 and E ¼ 330 GPa from nanoindentation of SiC(100) films, a residual tensile stress between 180 and 360 MPa was calculated.
The TO peak positions for SiC films on Si(111) showed a 3-4.7 cm À1 red shift, and the same Raman coefficients combined to E ¼ 400 GPa for SiC(111) films would lead to an estimate of residual tensile stress between 1.2 and 1.7 GPa. The variation of the TO peak position within wafer was less than 1 wavenumber for both film types. Also, note that films 100 nm thick and below did not yield a Raman signal strong enough to allow accurate analysis. Fig. 2 shows the global film stress versus film thickness as calculated from wafer curvature data. The uncertainty on the stress values calculated with this method is within 10%
Interestingly, the Raman and the wafer curvature stress analyses are in reasonable agreement for the SiC on Si(100), confirming the Raman biaxial stress coefficient of Dx TO ¼ 1125 cm À1 as calibrated by Rohmfeld for 3C-SiC on Si(100). On the other hand, the same coefficient would lead to an overestimation of the biaxial stresses for the epitaxial films on Si(111). Our results suggest instead a higher coefficient around Dx TO $ 1780 cm À1 for the SiC on Si(111), as indicated by the average 900 MPa biaxial stress calculated from the wafer curvature measurements (Fig. 2) versus the observed average 4 cm À1 red Raman shift. Since the expected strain from the thermal and lattice mismatches can be considered equivalent for growth on Si(100) and Si(111), the data discussed above indicate that biaxial stresses for 3C-SiC films grown on Si(100) surfaces relax in a very different way from films on Si(111) surfaces.
Films on Si(100) show a residual stress comparable to the expected thermal stress range, as a deposition temperature of 1000 C and a coefficient of thermal expansion of 3.3 Â 10 À6 K À1 for 3C-SiC 3 would lead to an extrinsic stress around 300 MPa. This also indicates that the intrinsic stress originated from the 3C-SiC/Si lattice mismatch is essentially relaxed in SiC films on Si(100). Films grown on Si(111) store considerably more tensile stress, retaining, thus, still some fraction of the intrinsic stress component.
Moreover, the already low stresses of films on Si(100) tend to decrease further with thickness, whereas the biaxial stresses of the SiC films on Si(111) appear almost locked-in as shown in Fig. 2 . The decrease of residual stress observed for thicker films on Si(100) is attributed to the timedependent creep mechanism upon film growth, i.e., the evolution of defects such as stacking faults (SFs) and other types of dislocations. Such relaxation was reported to be more related to the total duration of the film growth than to the actual total film thickness. 10 However, Fig. 2 indicates that this decrease trend takes place at a much slower rate for films on Si(111).
XRD and LEED analysis confirmed, as commonly reported, that epitaxial mono-crystalline 3C-SiC films grow with h100i orientation on Si(100) and with h111i orientation on Si(111) surfaces (not shown). 1, 23 This also means that the carbonisation layer in both cases is thin enough to maintain a coherent epitaxial relationship. The TEM micrographs of SiC on Si(100) (Fig. 3(a) ) and on Si(111) (Fig. 3(b) ) show in both cases a high density of Shockley-type SFs, which is the dominating stress relief mechanism for 3C-SiC films on silicon, due to their low formation energy. 24 It is not straightforward to quantify the amount of SFs in 3C-SiC on Si from TEM micrographs, due to their extremely high density. 25 However, while along the 300 nm thickness of the film grown onto the (100) surface (Fig. 3(a) ) there is a substantial decrease in SF density, these stacking faults are not attenuated through the 300 nm 3C-SiC films on Si(111) (Fig. 3(b) ). AFM contact topography substantiates these TEM observations with a visually rougher surface of the SiC films on Si(111) (Fig. 3(d) ) compared to the same thickness films on Si(100) (Fig. 3(c) ). A very high density of SFs is evident on the SiC(111) surface, which appears as fine ridges arranged in a 3-fold symmetry texture. Surface roughness analysis also confirms these observation with RMS values of 2.23 nm versus 3.45 nm for SiC(100) and SiC(111), respectively.
There is a fundamental geometrical difference between SFs in a 3C-SiC film growing along the h111i orientation as compared to a film oriented along h100i. In the first case, the stacking faults are inclined about 55 with respect to their growth surface (100), corresponding to the angle between the {100} and {111} planes, 25 i.e., we are in the presence of SF along the {111} slip planes, or SF(111).
The stacking faults in the SiC films on Si(111) direction appear inclined about 70 , corresponding to the angle between the {111} and {À111} planes. 25 In fact, as SF(111) cannot give any strain relief in SiC films oriented in the h111i direction on Si(111), SF(À111) are created instead. However, as the inclination of SF(À111) onto the Si(111) growth surface is steeper than for the SF(111) onto the Si(100) surface ($70 versus $55
, respectively), there are two important consequences. First, the SFs annihilation mechanism by which two stacking faults intersecting each other are eliminated by unfaulting reaction 26 is far less favourable. Additionally, a steeper SF inclination with respect to the growth plane (the plane where the film biaxial strain is located) will geometrically be less efficient for intrinsic strain relief. A rough 2D estimate of this effect is given by comparing the projections of the SF planes onto the growth plane for both cases, which are proportional to cosh, with h equal to 55 and 70 for SiC on Si(100) and Si(111), respectively (Fig. 3) . As cos(70)/cos(55) $ 0.6, SF(111) in the SiC(100) films are expected to be roughly 40% more efficient in relieving the residual biaxial stress than SF(À111) in the SiC(111) films. As a result, either a higher amount and/or thicker stacking faults will be required to achieve the same amount of strain relaxation for a SiC oriented along the h111i direction than for a SiC film along the h100i direction, and such that stacking faults will also persist longer versus films thickness for the SiC(111) films.
Finally, Fig. 4 indicates that the residual stresses in the SiC(111) films can be tuned within a large range by modifying the process temperatures of the epitaxial growth process steps. The graph bars compare average stresses for 300 nm SiC(111) films using the basic process in Fig. 2 , to stresses from a slightly higher growth temperature (1050 C) and from a lower carbonisation temperature (750 C, as compared to 950 C). An increase of 50 C of the growth temperature leads to almost 50% increase in residual stress, whereas the lower carbonisation temperature leads to about a 50% decrease instead, as shown in Fig. 4 . Note that we chose to lower the carbonisation rather than the growth temperature to ensure still comparable crystalline quality. Equivalent experiments with the SiC(100) films yielded a much smaller difference (below 20%), as the residual stress of the h100i oriented films is more readily relaxed and typically left with the thermal component only.
In conclusion, thanks to a systematic study of stress behaviour of hetero-epitaxial 3C-SiC on silicon with Raman spectroscopy and wafer curvature monitoring, we can demonstrate that for equivalent growth conditions films grown along the h111i direction on Si(111) tend to store considerably higher tensile residual stress than films grown along the h100i orientation on Si(100). Moreover, as opposed to SiC(100)films, the high tensile residual stress of SiC(111) films only shows marginal decrease versus thickness.
We show that the 20% strain from the lattice mismatch of Si and 3C-SiC can be essentially relaxed for SiC(100) films as thin as 60 nm. On the other hand, the residual stress of 3C-SiC films on Si(111) retains a significant component of intrinsic stress. We explain this phenomenon through a higher strain relief efficiency of stacking faults in the SiC(100), which are less steeply inclined onto the growth plane of the epitaxial films.
This work, additionally to providing a fundamental insight in stress relief for highly mismatched hetero-epitaxy, shows that residual stresses in thin epitaxial 3C-SiC films on Si can be controlled within a broad tensile range (from a couple of hundreds of MPa up to over 1 GPa) by (1) selecting the appropriate substrate orientation, i.e., Si (100) for low stress versus Si(111) for high stress, and (2) fine-tuning the temperatures involved in the epitaxial process. This finding is highly valuable for MEMS applications, where the control of residual stresses of beams and diaphragm structures is crucial. FIG. 4 . Average stresses of 300 nm thick SiC(111) films grown (1) with the basic process of Fig. 1, (2) with a 1050 C growth temperature (higher growth T), (3) with a 750 C carbonisation temperature (lower carb T). Residual stresses increase with increasing temperatures involved in the growth process.
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